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Abstract

We examine a Fe–Cr–Al foil-based material and a continuous-wave laser weld generated in ultra-fine “keyhole” mode undergoing tensile and
creep-tension tests over a temperature range of 25–1000 ◦C. At all temperatures, the bead exhibits superior tensile resistance than the base material
due to a homogenous reprecipitation of fine aluminum nitrides, AlN, but creeps faster at 900 ◦C, because of a finer-grained microstructure scarcely
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ndergoing secondary recrystallization. Under tensile loading, the base material ductility is higher than that of the weld and increases with increasing
emperature, but drops above 900 ◦C due to faster grain growth and chromium carbide precipitation. The base material stress–strain curves exhibit
oncomitant decrease of the yield point effect magnitude and increase of the strain hardening rate with the temperature, but only up to a critical
alue, which decreases with increasing the strain rate. After vanishing at this critical temperature, the yield point effect reappears upon the onset
f sample necking responsible for the ensuing continuous decrease of the engineering stress. The strain–stress curves of laser welds show no yield
oint effect and the work hardening persists at all temperatures. Under creep-tension, the weld shows a strong anisotropic behavior, and the highest
ow rate is recorded for welds oriented parallel to the loading direction, because of a more important cavity nucleation.
2006 Elsevier B.V. All rights reserved.
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. Introduction

Although Fe–Cr–Al-foil substrates are associated with a less
ost-effective catalytic converter monolith design than extruded
eramics, they offer decisive technical advantages: less thermal
nertia, shorter light off time, less risk of overheating, lower
ack-pressure, superior performance at elevated temperatures,
asier recycling and possibility to manufacture large size com-
onents for heavy duty applications [1]. These properties allow
he metallic converter to be electrically preheated and positioned
loser to the engine, thereby increasing the conversion rate for
loser compliance with the Zero Emission Vehicle (ZEV) stan-
ards becoming effective in 2005 [2]. However, these measures
ead to a more severe thermal loading of the material and struc-
ure at the risk of not producing high quality and affordable
ystems required by the fast-growing market and global com-
etition [3]. These engineering challenges drive the need for

∗ Corresponding author. Tel.: +1 662 325 5568; fax: +1 662 325 5433.
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advanced design control at two key-manufacturing phases:

• The shaping process of the monolith base material, a ferritic
refractory stainless steel, usually Fe–Cr–Al with 20 wt.% Cr
and 5 wt.% Al with a foil thickness coming down from 200
to 25 �m;

• The joining process used to make the spiraled monolith into
a “rigid” structure using for metallurgical fixture for a casing
tube, also a refractory stainless steel. These aspects will be
treated in a different paper.

In addition to a shorter total Al depletion, reducing the foil
thickness results in a more pronounced creep-buckling of the
foil under the compressive growth stresses associated with the
inward growth mechanism of the oxide, which predominates
in the range of very high temperature (≥1100 ◦C). The foil
buckling, on one hand, decreases the conversion efficiency of
the catalyst by sagging the honeycomb cells, and on the other
hand promotes scale spallation that results in a faster onset of
the breakaway oxidation. Even in the range of low temperature
921-5093/$ – see front matter © 2006 Elsevier B.V. All rights reserved.
oi:10.1016/j.msea.2005.11.048
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Fig. 1. Optical micrographs of etched cross-section microstructures laser beads and BM: (a) full penetration with P = 400 W and V = 37 m/min, (b) partial penetration
with P = 400 W and V = 46 m/min, and (c) polished cross-section of two foils down to 1/4 �m, displaying alignment trains of AlN.

(<1100 ◦C), where the substrate undergoes much lower creep,
the systematic tensile growth stresses induce dramatic interfacial
cavities that grow independently of the substrate Al-reservoir.
A reduction of the foil thickness will consequently lead to more
severe damage progression and earlier failure of the component.
Besides these effects on the behavior and fracture toughness of
the foil, growth stresses in the foil directly affect the oxidation
kinetics, and the diffusion fluxes are driven by both composition
and heterogeneous stress gradients. Moreover, the relaxation rate
of growth stresses by creep influences the oxidation kinetics
since creep facilitates the phase transformation rates of the fast-
growing metastable aluminas by promoting interface recession
[4]. Fundamental understanding of the mechanical properties of
Fe–Cr–Al foils is therefore critical for developing new afford-
able alumina-forming iron-based alloys, allowing thinner foils
to be manufactured and used with adequate formability and
lifetime expectations [5–7]. The main scope of this paper is
to study the mechanical properties of the Fe–Cr–Al foil and
a laser beam weld in an effort to validate an autogenous laser
beam welding for assembling the honeycomb-style catalyst dur-
ing the coiling of the monolith in the “flying optics” principle
[8–11]. We examine and compare the mechanical properties of
the base material (BM) and an optimized laser beam condition-
generated microstructure through tensile tests over a temperature
range of 25–1000 ◦C and creep-tension tests at 900 ◦C over
a stress range of 1–40 MPa. The results are elucidated from
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2. Laser welding experiments

A 400 W FEHA SM 400P CO2 gas transport laser deliver-
ing a very narrow beam with a maximum diameter of 70 �m
for a 30 mm focal length was used to weld two foils of 45 �m
without noticeable morphological defects. Bead-on-plate weld-
ing tests were performed on a 95 �m thick Fe–Cr–Al foil. This
laser offers a moving lens up to 100 m/min and delivers a beam
with Gaussian-distribution energy.

The best welding condition corresponds to a peak power of
400 W and a welding speed of 37 m/min. This condition gener-
ates a fusion zone (FZ) 100 �m large at the upper face and 70 �m
wide at the bottom side (Fig. 1a and b). All the weld lines were
achieved at the focal point and a 10 l/min argon shielding gas was
used to limit oxidation, with a nozzle located at the rear part of
the melting pool. A four-point clamping tool with a 2 mm-large
full-penetrated window was used to minimize the focal distance
variation along the welding track. Prior to welding, the samples
were ultrasonically cleaned in acetone and dried.

3. Base material and laser weld microstructures

3.1. Crude microstructures

3.1.1. Base material
The Fe–Cr–Al alloy is a Sandvik 0C404 type with a low
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icroscopical observations and analyses using optical micro-
cope (OM), scanning electron microscope (SEM), transmission
lectron microscope (TEM), and electron probe microanalysis
EPMA) techniques.
nterstitial (C + N) level, “co-doped” with mishmetal (Ce + La),
old rolled down to 45 and 95 �m and annealed. Quantitative
nalysis of major and trace elements with Energy and Wave-
ength Dispersive X-ray analyses (EDS and WDS, respectively)
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Table 1
Chemical composition in wt.%

Fe Cr Al C + N Si Mn/Mg Ti P S Ce La

Sandvik’s data Bal. 20.3 5.5 0.016 0.22 0.28/0.2 0.014 <0.0005 0.043
EPMA results 73.3 20.5 5.18 0.19 0.27/0.2 0.007 0.015 0.0028 0.310 0.015

and EPMA performed on cross-sectional specimens polished
down to 1/4 �m are presented in Table 1 in comparison with the
chemical composition data provided by the steel-producer. The
trace element contents are averaged over 10 analyzed-windows
of 50 �m × 50 �m surface area. These analyses reveal the pres-
ence of the main minor elements: Si, Ti, Mn, Mg, Si, Ce and
La. Silicon reinforces the stability of the �-ferrite phase and
increases the creep resistance. Titanium is an efficient stabilizer
of carbon, but can also assist aluminum to precipitate nitrogen in
order to avoid excessive growth of the AlN particles detrimental

for the foil formability during the rolling process. Mg and Mn
modify the chemical activity of carbon, while Ce and La, in form
of mishmetal, promote the adherence of the oxide layer and can
have a beneficial effect on the oxidation kinetics as well.

Annealed Fe–Cr–Al foil shows a fine equiaxed-grains
microstructure (Fig. 1b) with enhanced precipitation of AlN
and mishmetal-rich particles preferentially aligned with the
rolling direction (Fig. 1c). The distribution and size of AlN
particles are very irregular although the studied foil samples
were extracted from the same drum. Chromium carbides and

F
C

ig. 2. (a) TEM dark-field image of the BM revealing heterogeneous nucleation on
r23C6, and (c) TEM chemical analyses along the line depicted in Fig. 5a, the beam
MgC on Cr23C6, (b) TEM dark-field image of the BM revealing intergranular
diameter was 5 nm.
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Fig. 3. SEM views of cross-sectional samples in backscattered electron mode: (a) AlN precipitation in the FZ and heat affected zone (HAZ) and (b) AlN and
mishmetal-rich precipitates in the BM aligned with rolling direction.

Fig. 4. EPMA X-ray maps of FZ and HAZ bulk cross-sections showing enhanced precipitation of chromium-rich particles (mainly chromium carbides).

Mg–Fe–Cr enriched carbide particles are also present in the
matrix in the form of very small globules (200 nm maximum
size) that can be only detected by TEM micrographs and analy-
ses (Fig. 2).

3.1.2. Laser welds
Fig. 1a and b shows that the weld solidification is fine-grained

in the vicinity of the fusion line (FL), but mostly dendritic toward
the center line (CL). The high peak temperatures and fast cooling
rates experienced by the FZ seem to have led to the total dissolu-
tion of the initial stabilizer-secondary phases, causing the carbon
and nitrogen to return in solid solution [9,10]. The dissolution
of nitrogen is evidenced by the fine and homogeneous AlN “re-
precipitation” (<300 nm) in the FZ matrix (Fig. 3a and b), while
that of carbon can be supported by the fact that chromium rich-
particle formation only occurs in the HAZ (Fig. 4). Indeed, car-
bon which is more available for precipitation in the HAZ than in
the BM must be more available in the FZ than in the HAZ, since
the latter experienced lower temperatures than that in the FZ.

Quantitative profile analyses of trace elements using EPMA
techniques reveal a substantial Ce and La enrichment near the
external surfaces of the FZ (Fig. 5). This may result from the
transport of enriched melt by the Marangoni-induced down and
upper flows and amplified by the hydrodynamic flow pulsations
associated with the keyhole mode [10]. The chemical state of
Ce + La in the FZ has not been formally identified, but it may
c
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of the thermally grown oxide layer on the grain growth kinet-
ics, all the annealing tests were carried out in secondary vacuum
(≈10−6 Pa). This study is important to understand the difference
in creep behavior between the two materials, and also to eluci-
date the difference in oxidation kinetics that may depend on the
substrate grain size especially in the temperature range where
the scaling rate is controlled by a cationic diffusion phenomenon
[11].

Figs. 6 and 7 depict typical microstructures obtained after
ageing in vacuum. The main point to be taken from these
microstructures is the insensitivity of the FZ to secondary recrys-
tallization although the matrix is ferritic. This intriguing behav-
ior can be explained either by (i) the elongated profiles of the
grains whose curvatures are not high enough to stimulate visible
migration of grain boundaries or/and by (ii) enhanced pinning
of the grain boundaries by the AlN precipitates homogenously
speckled in the matrix. The first of these two suggested mech-
anisms is elucidated by Fig. 6b. In fact, at 1100 ◦C the grain
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orrespond to a solid solution state.

.2. Base material and laser weld microstructures at high
emperatures

We performed heat treatment tests at approximately 900 and
100 ◦C with various soaking periods in order to study the grain
rowth phenomena that take place in the FZ in comparison
ith those occurring in the BM. In order to reduce the effect
ig. 5. Ce + La content in the BM and FZ measured by EPMA in the trace
f element mode, observe substantial Ce and La enrichment near the external
urfaces of the FZ.
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Fig. 6. Optical micrographs of etched bead-on-plate containing sample
microstructure heat treated at 900 ◦C during (a) 80 h and 1100 ◦C during (b)
2 h, the sections are almost parallel to the main sheet axis; observe an enhanced
grain growth in the base metal (BM) vs. grain size reduction in the fusion zone
(FZ) by primary recrystallization, at 1000 ◦C, however, some of the abnormal
BM grains invade the FZ grains.

growth in the BM is so pronounced that the grains seem to invade
the FZ. Actually, only abnormal grains can progress inside the
FZ since their boundaries are bent in such away that the center
of curvature is directed toward the fusion zone. In this way, the
fusion zone grains become equiaxed and shrink until vanishing
at the center line.

The second mechanism correlated to the effect of precipitates
is elucidated in the microstructures reported in Fig. 7a and b.
Even after ageing at high temperature and long periods of time,
the BM and FZ still show a noticeable difference in terms of AlN
density and topology. In the BM, the carbides are preferentially
intergranular and may be formed during cooling; hence, they
have no noticeable effect on the grain growth. The AlN particles
increase in size by coalescence and continue to be aligned in the
rolling direction. In the FZ, the AlN precipitation is denser and
more homogeneous, thus increasing the mobility off the grain
boundaries.

Fig. 7. Optical micrographs of: (a) etched base material microstructure after
heating during 30 min at 1100 ◦C and (b) of etched bead-on-plate containing
sample after heating at 1100 ◦C during 2 h. The sections are almost parallel to the
main sheet axis; observe that the base metal (BM) keeps the same precipitation
topology of AlN while in the fusion zone (FZ) the fine AlN precipitates scarcely
coalesce.

4. Mechanical behavior

4.1. Experimental

The tensile and creep behaviors of the Fe–Cr–Al alloy after
laser melting are studied using welds obtained in the optimized-
irradiation conditions. Since extracting micro-tensile coupons
is not feasible, we resort to the use of cross-welded samples
(CWS) comprising large fractions of bead-on-plate welds pro-
duced on 95 �m thick sheets. The volumetric fraction chosen
in this study is 0.3, which is high enough to easily differentiate
between the mechanical responses of the BM and laser seams
and small enough to minimize the residual stresses and eliminate
the interaction between the seams. Seams parallel to the mechan-
ical specimen axis (designed as WPA samples) are achieved in
order to maintain a theoretically equal strain level between the
base material and the weld lines, whereas seams perpendicular to
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Fig. 8. Stress–strain curves for the BM at two different strain rates: (a and c) 10−3 s−1, (b and d) 10−5 s−1, and two temperature ranges: (a and b) between 25 and
500 ◦C and (c and d) between 500 and 1000 ◦C.

the sample axis (designed as WPE samples) permit the stresses
in the base material and the weld to start identical. All the tests
are conducted in air and the samples are heated in a three-zone
radiation furnace. Prior to the mechanical testing, all samples
were slightly polished on both sides by a 1200-grit SiC paper in
order to flatten the weld humps.

4.2. Results and discussions

4.2.1. Base material under tensile
Fig. 8a–d show the engineering stress–strain curves for the

BM obtained in tension at temperatures ranging from 25 to
1000 ◦C and at two strain rates of 10−3and 10−5 s−1. At room
temperature, a pronounced static strain ageing (SSA) is sys-
tematically produced for both strain rates. However, the yield
stress is more important for 10−3 s−1 than for 10−5 s−1 (Fig. 9a),
which implies a time-dependent characteristic of the SSA phe-
nomenon, leading to an increase in the ultimate strength for
increasing strain rate. The SSA extent decreases with increas-
ing the temperature [13], and concomitantly, the strain hard-
ening rate increases, but independently of the strain rate. This
phenomenon and the “apparent” viscoplastic behavior of the
SSA effect, both, induce an abnormal intersection between the
stress–strain curves obtained at 25 and 200 ◦C for a strain rate
equal to 10−5 s−1, leading to a more important tensile resistance
at 200 ◦C than at 25 ◦C (Fig. 8b). Observe a maximum harden-
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point effect reflects the difficulty for the dislocations to escape
from these obstacles. Actually, the mechanism proceeds in a
repeated breakaway of dislocations from Peierls potential hills
and their recapture by mobile solute clouds until enough strain
localization multisites are produced to induce a sudden load drop
by propagation of Lüders bands. On one hand, this mechanism
is thermally activated, so the yield point extent decreases with
increasing the temperature. On the other hand, higher strain rates
induce a more homogeneous repartition of stresses in the sam-
ple [16], lessening shear localization sites. As such, the onset
of Lüders band propagation is retarded, and the yield stress
increases.

In the range of high temperatures, the SSA effect reappeared
in the stress–strain curves, but a secondary continuous drop of
the load immediately follows the primary drop associated with
the propagation of Lüders bands (Fig. 8c and d). Therefore,
the continuous decrease in the load is attributed to the sample
necking that was initiated by the sudden multiplication of Lüders
bands. In fact, at these temperatures, the recovery predominates
at the expense of hardening, thus facilitating strain localization.

The extent of the yield point effect increases with the tem-
perature, reaching a maximum value at 800 ◦C (Fig. 8c-1). The
ductility of the material shows similar trend, i.e. reaches a maxi-
mum value (100%) at approximately 800 ◦C before a significant
decrease at 900 and 1000 ◦C (Fig. 9b). Both behaviors can be
explained by intergranular chromium carbide and titanium car-
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ng rate when the SSA vanishes (at approximately 500 ◦C for
0−3 s−1 and at 400 ◦C for 10−5 s−1) (Fig. 8a and b).

The SSA occurs when interstitial or substitutional elements
egregate at dislocations and immobilize them [14,15]. The yield
onitride precipitations (Fig. 10) and grain growth phenomena
hat take place at temperatures above 820 ◦C. In fact, on one
and, this precipitation reduces the concentration of free ele-
ents, rendering the dislocations more mobile in the matrix,
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Fig. 9. (a) Stress–strain curves of the BM at two different strain rates revealing the apparent viscoplastic behavior at room temperature and (b) ductility of the BM
at two strain rates for temperatures ranging from 25 to 1000 ◦C.

and as such, diminishing the magnitude of SSA. On the other
hand, intergranular precipitates can significantly lower the duc-
tility of the material by hindering grain sliding and promoting
the nucleation of intergranular damage-induced pores. In foils,
grain growth rapidly leads to columnar microstructures, and as
such, a misoriented grain with respect to the applied stress can
alone generate a fully penetrated defect causing the immediate
failure of the sample.

4.2.2. Comparison between the BM, WPE and WPA
behaviors under tensile

Figs. 11a, 11c, 12a, and 12c compare the stress–strain curves
of the BM and WPE at various temperatures and strain rates,
while Figs. 11b, 11d, 12b, 12d, 13b, 13d, and 14 compare the
stress–strain curves of the WPE and WPA at the same ranges of
temperatures and strain rates. With increasing the temperature,
three main consistent trend disparities occur between these three
materials:

(1) The WPA and WPE show higher tensile strength than the
BM, and this effect becomes more pronounced with increas-
ing temperature;

(2) In the range of low temperatures, no SSA effect is produced
for the WPE and WPA (Figs. 11 and 12). The WPE has a
slightly lower yield stress than the WPA, but both materials

(

(

the particles as in the Fe–Cr–Al ODS-based alloys [16].
This strengthening effect, being a thermally activated mech-
anism, becomes more marked with increasing the tempera-
ture. To illustrate this strengthening effect, the constitutive
behavior of the FZ was extracted based on the experimental
data obtained for the BM and the WPE (Fig. 15).

The methodology involves development of numerical
solutions to inverse problems using a Levenberg-type opti-
mization. In fact, to solve the inverse problem of the con-
stitutive behavior computation, a stress–strain curve for the
FZ is first assumed. Knowing the geometry and constitu-
tive behavior of the BM (which was also calculated by
an inverse method), a stress strain curve for the WPE is
generated using elastic–plastic 2D finite element analysis.
This computed stress–strain curve is compared with a WPE
experimental curve, and the initial elastic–plastic 3D param-
eters are modified and updated following the Levenberg
objective function. This process is repeated until a satis-
factory agreement is reached between the computed curve
and the experimental WPE stress–strain curve.

In these calculations, the total deformation was taken as
the sum of elastic and plastic strain tensors:

ε̃ = ε̃e + ε̃p, σ̃ = ˜̃C : ε̃e (1)

where ˜̃C is the fourth rank of the elastic tensor. The criterion

nearly present the same strain hardening rate except for the
case of 500 ◦C at 10−5 s−1 (Fig. 12);

3) In the high temperature range (500 ◦C for 10−5 s−1and
600 ◦C for 10−3 s−1), the BM and the WPA show a sys-
tematic softening after the yield point, while the WPE
shows hardening for all temperatures and strain rates
(Figs. 13 and 14). The WPE ductility is considerably lower
than that of the BM and WPA for all temperatures and strain
rates.

These effects can be respectively explained as follow:

1) The globular morphology and the size of the AlN precipi-
tates homogeneously dispersed in the FZ suggest that they
form coherent interfaces with the surrounding matrix. As
such, the FZ shows more structural hardening than the BM.
We may therefore suggest an Orowan mechanism to bypass
is given by Eq. (2) where J2 is the second invariant of the
stress tensor:

f (σ̃) = J2(σ̃) − R (2)

The normality rule provides the plastic flow rule:

ε̃p = ṗ
∂f

∂σ̃
,

ṗ = ε̇0 exp

(
− Ea

kBT

)
exp[(〈f (σ̃)〉Va)(kBT )] (3)

where ṗ is the viscoplastic multiplier and 〈f (σ̃)〉 means the
maximum of (f (σ̃), 0). The latter equation is used to sim-
ulate the apparent viscoplasticity of the material, where T
is the absolute temperature, Va the activation volume, and
Ea is the activation energy [17]. The strain hardening is
assumed to be isotropic without kinematic hardening fol-
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Fig. 10. EPMA X-ray maps of a same region from a BM cross-section revealing enhanced intergranular precipitation of chromium- and titanium-rich carbonitrides.

lowing a non-linear double law:

R = R0 + Q1(1 − exp(−b1p)) + Q2(1 − exp(−b2p))

(4)

A constitutive Norton creep-type law is also introduced for
temperatures higher than 300 ◦C.

The results of simulations, illustrated in Fig. 15, demon-
strate that laser welding generates a microstructure with
significant improvement in the tensile resistance.

(2) The WPE and WPA show a continuous tangent modulus-
type curves, which are generally attributed to a plastic strain
progressively and partially affecting the grains. At the start,
the dislocations are mobile in grains favorably orientated
with respect to the applied stress. The strain increases until
all the grains in the sample gage length incur plasticity.
Hence, the fact that no stress jump is produced in the WPE
and WPA curves for a volume fraction of FZ equal to 0.3,
suggests that an interaction occurs between the laser seams
and the BM behaviors. Actually, Muller et al. [18] reported
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Fig. 11. In (a) and (c) are shown stress–strain curves for the BM and the WPE recorded at 10−3 and 10−5 s−1 strain values for 25 and 200 ◦C, respectively; in (b)
and (d) are shown stress–strain curves for the WPE and WPA at two different strain rates for 25 and 200 ◦C, respectively.

Fig. 12. In (a) and (c) are shown stress–strain curves for the BM and the WPE recorded at 10−3 and 10−5 s−1 strain values for 400 and 500 ◦C, respectively; in (b)
and (d) are shown stress–strain curves for the WPE and WPA at two different strain rates for 400 and 500 ◦C, respectively.
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Fig. 13. In (a) and (c) are shown stress–strain curves for the BM and the WPE recorded at 10−3 and 10−5 s−1 strain values for 600 and 700 ◦C, respectively; in (b)
and (d) are shown stress–strain curves for the WPE and WPA at two different strain rates for 600 and 700 ◦C, respectively.

Fig. 14. Stress–strain curves for the BM, WPE and WPE samples at 10−3 s−1 strain rate and for: (a) 800 ◦C, (b) 900 ◦C, and (c) 1000 ◦C.
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Fig. 15. Inverse method-type optimization results showing the stress–strain
curve of the FZ in the WPE sample tested at 500 ◦C and 10−3 s−1 strain rate up
to 0.012 asymptotic cumulated strain in the BM.

for continuous-wave laser welds that while the BM encloses
compressive residual stresses, the HAZ and FZ are subjected
to tensile residual stresses that have higher magnitude. As
such, under tensile loading, the plastic strain and dislocation
mobility arises at a lower stress level in the WPE and WPA;
hence, the SSA is reduced. The onset of plasticity occurs,

however, earlier in the WPA than in the WPE. This is proba-
bly due to the mismatch between the BM and the FZ/HAZ, as
the FZ is harder than BM. The mismatch creates stress con-
centration at the FZ/HAZ/BM interfaces in the WPE, but not
in the WPA samples (Fig. 16), and as such, the yield stress
is lower for the WPE than for the WPA. The strain harden-
ing rate is, nevertheless, roughly the same in the WPE and
WPA, indicating that the grain texture and morphology have
no influence on plasticity mechanisms under tensile loading.
An intriguing effect occurs in the WPE and WPA samples
for T ≥ 500 ◦C. At these temperatures, the BM shows min-
imal strain hardening for 10−5 s−1 due localized necking,
which leads to discuss the third point.

(3) In fact, while the WPA exhibits the same softening phe-
nomenon as the BM, independently of the strain rate (but
with higher yield stress), the WPE displays strain hardening
for all temperatures and strain rates, before a crack suddenly
initiates at the sample edge lowering the ductility. Fig. 16b
depicts Von Mises stress contour in the WPE configura-
tion loaded in tension up to a 0.006 asymptotic cumulated
strain at 500 ◦C and 10−5 s−1 strain rate. In this finite ele-
ment simulation, the constitutive behavior used for the FZ
was that extracted by the inverse method described earlier.
The stress distribution along an edge of the sample near
the MB/FZ interface is plotted in the graph of Fig. 16a.

F
l
a

ig. 16. Finite element calculations using ZeBuLon: (a) Von Mises stress and uniaxia
ength edge of a WPE sample loaded at 500 ◦C and 10−3 s−1 strain rate, (b) shear an
t the same loading conditions of Fig. 27a, and (c) Von Mises stress contour in a WP
l stress distributions, for 0.006 asymptotic total strain at the BM, along the gage
d normal stress distributions along a gage length edge of a WPE sample tested
E sample tested under the same loading conditions of Fig. 16a.
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Fig. 17. Creep stress–strain rate plots of the BM, WPA and WPE at 900 ◦C in
comparison with those reported by Germidis [1] for an ultra low carbon contain-
ing Fe–Cr–Al sheet with 235 �m in thickness. The strain rates are calculated at
the beginning of the steady-stage regime with less than 10% variation.

Along the edge of the gage length, the uniaxial component
σ11 is equal at 450 MPa at the FZ center, is 400 MPa near
the interface, and reaches 320 MPa at the BM. The material
mismatch is maximal for the σ22 component, which changes
from a compressive state in the FZ (−150 MPa) to a tensile
state in the BM (150 MPa). This strong triaxiality, which
can induce a premature crack opening at the edge of the
sample, accounts for the ductility drop that only affects the
WPE sample. Thus, no stabilized necking can occur for the
WPE as the seams laid perpendicularly to the loading axis
impede the contraction of the sample.

4.2.3. Comparison between the BM, WPE and WPA
behaviors under tension-creep

The results of creep tests are interpreted and reported in form
of stress–strain rate plots shown in Fig. 17. The strain rates
are measured at the beginning of the steady-stage in order to
avoid integrating the mechanical contribution of the thermally
grown oxide layer, which may also induce significant scatter.
This beginning is set for a relative strain variation that does not
exceed 10% during 1 h creep. The creep tests are performed on
the BM, WPE and WPA samples at 900 ◦C for seven stress val-
ues: 4, 7, 8, 10, 15, 20 and 30 MPa, covering two stress domains
reported both by Dionnet [19] and Germidis [1]:

(1) Low stress domain (< 10 MPa), where the strain rate vari-

tion core, σtr is the stress threshold, and α is a key parameter
quantifying the partition between the diffusional flow creep
and interfacial reaction control creep. For Fe–Cr–Al alloys,
this law was used because the carbon tends to preferentially
segregate near the grain boundaries for temperatures below
1000 ◦C. Hence, the dislocations undergo a viscous drag
at/near the grain boundaries, which no longer act as a perfect
source and/or sink of vacancies, as traditionally considered
in diffusional flow theories. Nevertheless, for simplicity, we
have used a classical Norton-type creep law.

(2) High stress domain (>10 MPa). Here the dislocation flow
controlled creep is dominant because of the higher loading
energy and the lower diffusional relaxation time:

ε̇(σ) = ADeff
µb

kT

(
σ

µ

)n

(6)

A is Dorn’s constant and Deff is the effective diffusion coef-
ficient:

Deff = Dv

[
1 + πδDb

dDv

]
with

Dv = Dv0 exp

(−Qv

RT

)
and Db = Db0 exp

(−Qb

RT

)

(7)

(
Q
R
t
F
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T
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ation is most likely controlled by an interfacial reaction
mechanism. Several governing equations are suggested to
account for this mechanism, but the most frequent law is
that reported by Artz and Ashby [20,21]:

ε̇irc =
14DeffΩ

kTd2 (σ − σtr(T ))(
1 + 12bµ

d(σ−σtr(T ))
Deff
αDb

) (5)

where d is the grain size, µ the shear modulus, Deff the
effective diffusion coefficient linked to the lattice diffusion
coefficient, which allows for the diffusion along the disloca-
δ is the grain boundary thickness and Db is the diffusion
coefficient at the grain boundary. In determining the model
constants we do the following:
• For the low stress range, and in order to relatively account

for the diffusional creep mechanisms, we choose to cal-
culate the exponent coefficient n and lattice activation
energy Qv for A = 1;

• For the elevated stress range, we compute the exponent n
and Dorn’s coefficient A, but using the lattice activation
energy Qv related to the low stress range.

The other parameters are constants: Dv0 = 2 × 10−4 m2 s−1

same value as that for �-Fe); δDb0 = 10−12 m3 s−1 (�-Fe);
b = 174 KJ/mol; d = 5 × 10−6 m (typical value for Fe–Cr–Al-
E); µ (900 ◦C) = 40 GPa (experimental value extracted from

he above tensile stress–strain curves); b = 2.48 × 10−10 m (�-
e).

The constants are summarized in Table 2.

.2.3.1. Discussion on the measured strain rate values. The
teady state strain rate values are in good agreement with those
btained by Germidis [1] using a Fe–Cr–Al foil with a very low
nterstitial content (60 ppm in weight). The slight shifting, how-

able 2
umerical identification of the physics-based creep parameters: activation

nergy Q, pre-exponent coefficient n and Dorn coefficient A

σ ≤ 10 MPa σ ≥ 10 MPa

B n = 2.20, Qv = 200 KJ/mol n = 5.17, A = 5.2 × 1010

P n = 1.9, Qv = 210 KJ/mol n = 6.8, A=5.2 × 1017

P n = 1.06, Qv = 265 KJ/mol n = 6.6, A = 5.2 × 1019
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ever, toward higher values for Germidis’ strain rates obtained
in the low stress range can be explained by the higher carbon
concentration in our material, which generates a higher extent
of dislocation drags. The WPE and WPA display a lower creep
resistance than that of the BM for all the stresses. These two
materials creep nearly at the same rate over the elevated stress
range, but for the low strain range the WPA creeps faster.

4.2.3.2. Discussion on the simulated physics-based parameters.
For low stresses, the apparent sensitivity of the stress decreases
since the diffusional flow is the dominant creep mechanism.
The Norton exponent n calculated for the BM is nearly 2.5, and
naturally follows the fact that we used dislocation-type creep
law in a stress range where the atomic diffusion rather dom-
inates the creep deformation. For the WPA, this coefficient is
approximately one. This very low value is most likely due the
fact that the FZ grains are elongated orthogonally to the loading
axis. The diffusional phenomena are accelerated and the cavity-
growth induced damage is more important in the WPA FZ than
in the BM and the WPE FZ.

For the elevated stress range, n dramatically increases, and
reaches approximately six for all materials as the steady strain
rate increases. The disparities in creep resistance between the
three materials are mainly reflected by important deviations in
the Dorn constant (A) values. Actually, for the BM, we obtain a
value slightly higher than that calculated by Germidis, who used
a
g
b

d
W

(

(

(

(

cavities. Creep testing should then be preferably performed
under high vacuum environment to limit the cationic oxida-
tion process;

(5) The faster grain growth in the BM than in the FZ will induce
less chromium carbide precipitation, and hence free more
carbon extent in the BM. In particular, the dislocation drag
process will be more marked in the BM than in the FZ,
amplifying the creep resistance gap.

5. Conclusions

Uniaxial tension and creep properties of as received and laser
micro-welded thin Fe–Cr–Al foil were studied and interpreted
over a wide range of temperatures through various methods of
characterization and evaluation. These methods include optical
microscopy, scanning electron microscopy, transmission elec-
tron microscopy, heat treatment in a vacuum, electron probe
microanalyses and finite element simulations of the laser weld-
ing process and deformation. The laser bead shows higher tensile
resistance than the base material, because of a dense repartition
of fine and coherent aluminum nitrides (AlN) in a fine basaltic
microstructure generated due to uncharacteristic high cooling
rates. The precipitates may strengthen the material by induc-
ing attractive junction networks similar to those engendered in
Fe–Cr–Al ODS alloys. The static strain ageing effect observed
in the base material is eliminated for the laser bead due to the
c
i
p
c
i
a
s
w
o
c
a
o
n
t
g

A

t
C
d
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n activation energy (240 KJ/mol) related to pure iron, which is
reater than that computed in the present study (200 KJ/mol),
ut associated, however, with a higher exponent value n = 7.

We outline three possible phenomena that can account for the
issimilarities in the Dorn coefficient between the BM, WPE and
PA:

1) The BM undergoes an important amount of secondary
recrystallization. The continuous increase in grain size will
generate a consistent improvement in creep resistance. This
effect increases with decreasing stress since the longer
primary-creep stage generates more important secondary
recrystallization;

2) While the BM is increasingly strengthened, the FZ grain
boundaries seem to be completely pinned and even multi-
plied by a possible residual stress induced primary recrys-
tallization mechanism. So, the FZ will tend to creep increas-
ingly faster due to more stable and denser grain boundaries;

3) The dynamic recrystallization can also contribute to inten-
sify the strengthening process of the BM. Actually, Carel et
al. [22] show that the strain energy accelerates grain growth
by some micromechanisms driving the selection of favor-
able crystallographic orientations;

4) Oqab and Monceau [23] show by in situ observations under
an environmental SEM that most of the oxidation induced
cavities nucleate during the heating process up to the soak-
ing period. Hence, damage obviously contributes in the
strain rate values calculated at the onset of steady-stage
creep. This contribution will be less important in BM than
in the FZ due to the fast grain growth of the BM, which
reduces the nucleation as well as the growth of interfacial
ombined effects of residual stresses and reduction of mobile
nterstitial free solute elements by enhanced AlN and Cr23C6
recipitates. At higher temperatures, the bead creeps signifi-
antly faster than the base material, because of grain refinement
n the weld, driven by primary recrystallization and recovery,
gainst important grain growth in the base material driven by
econdary recrystallization. This mismatch is more pronounced
hen the weld center line is aligned with the applied stress, but
nly for stresses below 10 MPa, because of a more important
avity-growth driven by diffusional creep. This study provides
new and more complete database for the mechanical behavior
f thin ferritic foil microstructures. Furthermore, it validates a
ovel technology for real-time assembling of honeycomb struc-
ures with significant increase in productivity required for the
rowing market of catalytic converters.
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